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Strain hardening capability is critical for metallic materials to achieve high ductility during plastic
deformation. Amajority of nanocrystalline metals, however, have inherently low work hardening capability
with few exceptions. Interpretations on work hardening mechanisms in nanocrystalline metals are still
controversial due to the lack of in situ experimental evidence. Here we report, by using an in situ
transmission electronmicroscope nanoindentation tool, the direct observation of dynamic work hardening
event in nanocrystalline nickel. During strain hardening stage, abundant Lomer-Cottrell (L-C) locks formed
both within nanograins and against twin boundaries. Two major mechanisms were identified during
interactions between L-C locks and twin boundaries. Quantitative nanoindentation experiments recorded
show an increase of yield strength from 1.64 to 2.29 GPa during multiple loading-unloading cycles. This
study provides both the evidence to explain the roots of work hardening at small length scales and the insight
for future design of ductile nanocrystalline metals.
I
n polycrystallinemetals with coarse grain size, strain hardening is typically described by Taylor relation, where
the increases in flow stress is tied to increased dislocation densities1,2. During plastic deformation, dislocation
networks (or forest dislocations) may form in grain interior and thus become barriers to the propagation of
successive mobile dislocations. Additionally strain hardening can also be described in terms of the decreasing
mean free path of a dislocation and the reduced number of active slip systems for dislocations adjacent to barriers,
such as grain boundaries or twin boundaries3,4. Therefore control of slip distance by microstructural refinement
can provide a feasible hardening mechanism.
Ultrafine grained and nanocrystalline (nc) materials have a large population of grain boundaries which are
considered natural barriers to the propagation of dislocations. Indeed ultra-high mechanical strength has been
achieved in nc and recently nanotwinned (nt)metals5–11. The size-dependent hardening has been explained by the
Hall-Petch relationship, where the decrease of dislocation pile-ups in fine nc and nt metals leads to strengthen-
ing5,6,12. A recent study has suggested dislocation multi-junction formation in single crystal bcc molybdenum
measurably increases the strength during a uniaxial compression testing13.
Although nc metals can have much greater mechanical strength than their bulk counterparts, their ductility is
typically low (less than a few percent of true strain) with a handful of exceptions. Strain hardening, which is crucial
to achieve high ductility, is typically diminished in ncmetals, or very often absent inmany cases. There are various
mechanisms that explain the lack of strain hardening in nc metals. Grain boundaries are effective sources and
sinks for dislocations. Dislocations once emitted from grain boundaries may be absorbed rapidly by opposite
grain boundaries in nc metals. Thus there may be less sustainable dislocation networks within the grains to
provide the necessary strain hardening. In situ X-ray experiments evidenced rapid dislocation recovery events
during unloading of plastically deformed nc Ni14. On the other hand, L-C locks associated with stair-rod
dislocations have been observed near grain and twin boundaries after rolling of nc Ni, and were proposed to
be effective barriers to mobile dislocations and result in work hardening15. There is no in situ evidence to explain
the origin of such controversy. Additionally stacking fault energy (SFE) appears to play an important role onwork
hardening capability of nc metals. Stacking faults appear to inject work hardening capability in low SFE metals16.
Despite extensive studies on work hardening inmetallic materials, most of the previous works focused on post-
deformation microstructural analysis. Meanwhile, to directly probe the structure-property relationships, various
real time phenomena have recently been recorded with in situ TEM mechanical testing of different materials
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systems. Among these studies, several are noteworthy, including
evidence of mechanical annealing and dislocation source starvation
in nickel pillar17, increment of dislocation nucleation rate at higher
strain rate within single crystal Al18, dislocation slip in TiN thin
film19, grain rotation and coarsening in polycrystalline Al thin film20,
dislocation climb in Al/Nb multilayers21 and grain boundary sliding
and grain rotation in ceramic nanocomposite22. However there is
little in situ TEM evidence on strain hardening in nc metals.
In this study, in situ nanoindentation in a transmission electron
microscope was conducted on nc Ni. During multiple loading-
unloading cycles, prominent work hardening was observed from
quantitative nanoindentation experiment. In parallel, work harden-
ing was found to arise from the formation of abundant L-C Locks
both within the grains and at twin boundaries. L-C Locks interacted
with twin boundaries through the formation of active partial disloca-
tions. Numerous deformation mechanisms were identified. (See
experimental details in methods section).
The nc Ni powders were mixed by roller milling and consolidated
by Spark Plasma Sintering (SPS) process. Details on the sample pro-
cessing can be found elsewhere23,24. TEM specimens were prepared
through a conventional procedure including mechanical thinning,
polishing and ionmilling polishing. This typical set of Ni samples has
nanocrystalline grains with a bimodal grain size distribution (see
Supplementary Fig. S1 in supplementary information). The nano-
grains accompanied by the bimodal grain size distribution in nc Ni
allow enhanced ductility and high mechanical strength25. Growth
twins with an average twin spacing of ,30 nm were observed in
numerous grains.
Results
Figure 1a shows the TEM image of twomajor grains, delineated asG1
andG2 in a typical area selected for in situnanoindentation study. G1
contains three twin boundaries (TBs), labelled as TB1-TB3.
Figures 1b–d show the selected area diffraction (SAD) patterns cor-
responding to matrix and twin (T1) in G1, and G2. Comparison of
Figure 1b and 1d shows the formation of a 30u high angle grain
boundary between G1 and G2.
To examine dislocation activity during deformation, in situ
nanoindentation has been performed. Three indentation (complete
loading-unloading experiments) cycles were conducted at exactly the
same location as shown in Figure 1a. Figure 2a1–a2 are the video
snap shots captured during the first loading cycle before (at 18.48 s)
and after the yield point (at 25.29 s) as revealed from the force–
displacement (F–D) plot in Figure 3a. Similarly, microstructure evo-
lutions (before and after yielding) for the 2nd and 3rd loading cycles
were recorded in Figure 2b1–b2 and 2c1–c2. The corresponding F–D
plots are shown in Figure 3b and c. The yield point was determined
from the corresponding F–D plots, in which a clear non-linear
deformation can be identified. During these experiments, the
nanoindenter tip was positioned at the upper right corner, and the
samples were moving towards the tip with the loading direction
marked as white arrows as shown in Figure 2.
During the first loading cycle before yielding (at 18.48s), groups of
dislocations on the (111) and (111) slip planes in G1 are observed in
the circled area in Figure 2a1. Many of these dislocations form
V- shape junctions, which are typical signature of L-C locks.
Under indentation these L-C locks are immobile before yielding
(up to 22.96 sec). At the yield point, the L-C locks appear to interact
with succeeding dislocations, and then become unlocked. The
unlocked dislocations migrate towards the TB1 during continuous
deformation after yielding (25.29 sec in Fig. 2a2). When numerous
dislocations approach TB1, new L-C locks form at the twin boundary
(Fig. 2b). And the density of dislocations at TB1 is ,7.0 3 1015/m2.
During the second loading cycle, dislocation density at TB1
rises continuously to ,1.2 3 1016/m2 by 21.96 sec as shown in
Figure 2b1 (for details see supplemental information). By 28.47 sec
a majority of dislocations including L-C Locks piled up against TB1
have transmitted through TB1. Correspondingly the F-D plot in
Figure 3b shows a clear non-linear deformation, indicating the
occurrence of considerable plastic deformation. Additionally the
force at the onset of plastic yielding approaches 6.6 mN, greater than
that in the first cycle (,4.9 mN).
Finally, in the third cycle, at 22.17 sec, high density dislocations
including L-C locks emerge underneath TB1 in T1 (the twinned
crystal). The newly formed L-C locks become barriers to succeeding
dislocations and applied load continues to increase. At the yield
point, ,28 sec as shown in Figure 3c, L-C locks begin to unlock.
By 38.29 sec near the maximum load in Figure 3c, L-C Locks are
nearly completely annihilated, and the TEM image shows dark con-
trast surrounding a band of forest dislocations resulting from dis-
location-L-C Lock interactions in T1 (Fig. 2c2). Prominent load drop
is identified in Figure 3c during continuous deformation.
Comparison of multiple consecutive F-D plots in Figure 4 shows
that the force at the yield point increases sequentially from ,4.9 to
7.0 mN during the three loading cycles. Consequently given the mea-
sured foil thickness and loading depths, we estimate that the yield
Figure 1 | a) TEM image shows the area where in situ nanoindentation
experiments were conducted. It shows very obvious grain and twin
structures. From the top to bottom, grains, G2 and G1, and twin, T1, are
marked. The arrows point at the boundaries between G1, G2 and T1. The
SAD patterns were taken from the area of b) grain, G1, c) twin, T1, and d)
grain, G2.
Figure 2 | Three sets of movie frames during indentation on nc nickel are
shown in a1) before and a2) after yield point during the first cycle;
b1) before and b2) after yield point during the second cycle; and c1)
before and c2) after yield point during the third cycle.
www.nature.com/scientificreports
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strength increases from ,1.6 to 2.3 GPa by using a relation
described in supplemental information.
Discussions
Work hardening is a complicated plastic deformation phenome-
non. Cottrell stated that work hardening is the first phenomenon
discovered in studying plasticity of metals, and may be the last
problem to be solved26. Work hardening deemed necessary for the
achievement of ductility, however, is largely absent in a majority of
nc metallic materials. But foregoing in situ nanoindentation studies
strongly suggest that significant work hardening takes place in nc Ni.
Figure 3 | a) force-displacement plot was measured during the first in situ
nanoindentation cycle. During the second cycle, b) force-displacement
plot show the yield point increases compared to that in the first cycle.
Finally, c) force-displacement plot was measured during the third cycle.
Figure 4 | Three force-displacement plots with only the loading segment
show the nature of work hardening after sequential indentation.
Increment of the force at the yield point from ,4.9 to 7.0 mN during the
three loading cycles is shown. A small regime of softening during the third
cycle is observed.
Figure 5 | During the first indentation cycle, evident activity of
dislocations (mainly screw or mixed dislocations) at the twin boundary
was observed with formation of L-C lock. a) A snap shot shows the area of
interest marked by a white box near TB1. And the enlarged series of movie
frames show the interaction between dislocations and twin boundary b) at
yield point and c–h) after yield point, with the corresponding i) force-
displacement plot.
www.nature.com/scientificreports
SCIENTIFIC REPORTS | 3 : 1061 | DOI: 10.1038/srep01061 3
Several salient characteristics can be derived from the in situ stud-
ies. First, work hardening may arise directly from the formation of L-
C locks in grain interior. L-C locks form the back-bone of dislocation
networks and resist the propagation of mobile dislocations. This
mechanism has long been postulated and recently received some
support from ex situ rolling studies of nc Ni15. The formation of L-
C locks arises from the interaction of dislocations on two sets of
inclined {111} planes. Second, L-C locks formed within grains were
removed at higher stress by mobile dislocations (many of which
maybe mobile partials). Recent MD simulations show that mobile
Shockley partials can engage stair-rod dislocation in stacking fault
tetrahedra (SFTs), and the interaction leads to new mobile partials
which then glide on the surfaces of SFTs and lead to decomposition
of SFTs27. Hence it is likely that abundant partials emitted from grain
boundaries may lead to the removal of L-C locks in grain interior.
Third, L-C locks when encountered twin boundaries can lead to even
greater work hardening (as indicated by the necessity of higher stress
for plastic yield shown in the second loading cycle). The details of
interaction of L-C locks with twin boundaries are complicated, and at
least two scenarios are identified.
We begin by first examining the work hardening mechanism that
arises from the interaction of L-C locks with twin boundaries.
Figure 5 shows a set of snap shots captured from 22 to 45 sec (after
yielding) during the first loading cycle. The area of interest marked
by a white box in Figure 5a is near TB1, and the box is enlarged in
Figure 5b. By 28.30 sec two dislocations (possibly mobile screw or
mixed dislocations), A0 and B from different set of {111} plane inter-
cept at TB1. During continuous indentation at 30.28 sec, the two
dislocations interact and an L-C lock forms. At 34.65 sec, A0
vanishes and two new dislocations, A1 and A2, emerge. By
36.87 sec, a new dislocation A3 appears at TB1. By 44.43 sec, these
dislocations appear absorbed by TB1.
The interactionmechanism of these dislocations with twin bound-
aries is shown in a schematic diagram in Figure 6. As shown in
Figure 6a–b, two full dislocations, A0 and B, fromdifferently oriented
{111} planes form an L-C lock at the twin boundary. Based on the
equation a/2[101] 1 a/2[011] 5 a/2[110], the formation of Lomer
dislocation (at the intercept of L-C locks) can reduce the overall
elastic energy of the dislocations (see Supplementary Fig. S5 in sup-
plementary information). The Lomer dislocation formed has a
Burgers vector parallel to the electron beam, and hence appears as
a dot during numerous interaction events.
A0 then dissociates into two partial dislocations marked with A1
andA2, separated by,15 nm. The dissociation event occurs at a rate
of ,19 nm?s21 (dividing the separation distance by the time). The
force decreases by ,4.8% during the dissociation event. Since the
self-stress (line tension) of the dislocation is proportional to its curv-
ature28, the back stress from the forest dislocations in addition to the
line tension in dislocation A0 causes it to unbow which allows the
perfect dislocation to then separate into leading and trailing partials.
Figure 6 | Schematic diagrams illustrate the interaction of L-C locks with twin boundaries from the series of movie snap shots in Figure 5. a) Two full
dislocations (possibly screw or mixed dislocations), A0 and B, on different set of {111} planes intercept at TB1. b) As dislocation A0 glides toward
dislocation B, an L-C lock is formed at the twin boundary. c) Dislocation A0 dissociates into two partial dislocations, A1 and A2 separated by,15 nm. d)
As the separation is constricted to ,4.5 nm, another dislocation A3 is emitted from the dislocation A1.
Figure 7 | a) A snap shot taken during the second indentation cycle shows
the area of interest marked by a white box near TB1. And enlarged series of
movie frames show interaction between two specific dislocations, A0 and B
(likely to be screw or mixed dislocations), resulting in the transmission
from L-C locks across twin boundaries, with a detailed analysis as shown in
b), c) and d) before yield point and e), f), g) and h) after yield point, with
the corresponding i) force-displacement plot.
www.nature.com/scientificreports
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After dissociation, the partial dislocation A2 is still associated with
the dislocation B. The other partial dislocation A1 appears to be the
source for emission of another dislocation, A3. The emission of A3,
very likely a screw dislocation, occurs at a rate of 116 nm?s21. If A3
was to have non-screw dislocation nature, then its emission and
migration shall be a type of climb, which typically occurs at a very
low rate at room temperature. During the aforementioned events,
continuous increase of stress is necessary in general to promote the
interaction of L-C locks with twin boundaries, and consequently
work hardening is achieved.
Next we consider a mechanism that may lead to the transmission
of dislocations from L-C locks across twin boundaries. In the second
indentation cycle, several snap shots captured from 21 to 33 sec are
shown in Figure 7. This period corresponds to the deformation right
before the maximum load. Figure 7a shows a box that outlines the
area of interest, which is then magnified in Figure 7b (at 21.65 sec).
An L-C lock due to interception of A0 and B (likely to be screw or
mixed dislocations) is identified. During continuous deformation
from 25.71 to 28.23 sec, the contrast of B decays rapidly; meanwhile,
a dislocation labelled as B9 emerges from underneath the twin
boundary and resides on a (100) plane in the twinned crystal T1.
By increasing the applied stress to 2.4 GPa (near 28.56 sec), disloca-
tion A0 vanishes, and consequently A1 and A2 appear as shown in
Figure 7g. Then dislocation B rapidly passes through the twin bound-
ary and becomes B9 (Fig. 7h). By 32.98 sec, dislocationA1 andA2 also
transmit through twin boundary.
Figure 8 shows the schematics that illustrate the series of inter-
action events. Basically the L-C lock forms at twin boundary due to
interactions of A0-B dislocations. B gradually transmits through twin
boundary and becomes B9 on lower (100) plane, whereas A0 remains
intact. The transmission of full dislocation inNi has beenmodeled by
MD simulation. The simulation shows that under high resolved
shear stress, ,3 GPa, a full dislocation will transmit across twin
boundary onto the lower {100} plane in the twinned crystal29. At
higher stress, A0 dissociates into A1 and A2 as shown in Figure 8b
at a velocity of ,12.3 nm?s21. The dissociation is likely to relieve
some of the back stress at the L-C lock, and consequently making it
easier for B to rapidly transmit across twin boundary as shown in
Figure 8c.
Twin boundaries are effective barriers to the transmission of dis-
locations. It has been reported that the interaction of partials with
twin boundary may lead to stair rod dislocations, which could
resist the transmission of dislocations across twin boundary30.
Additionally, the density of residual dislocations stored at the twin
boundary increases during indentation (from 6.9631015/m2 to
1.2231016/m2). Significant increase in dislocation density has been
observed in rolled nt Cu, wherein dislocation density approaches
1016/m2 at a true strain level of 50% or greater31. Consequently high
density dislocations may increase the barrier strength of twin bound-
ary to the transmission of dislocations and lead to enhanced work
hardening. This in situ nanoindentation study reveals certain
mechanisms related to local work hardening events. Further work,
such as mesoscale modeling is needed to integrate the observed local
work hardening events to global scale. It will necessitate statistically
averaging the number of events of such L-C Lock formation per unit
volume, the amount of stored dislocations (or slippage - for strain
softening) and the frequency at which such unit process takes place.
Work is ongoing tomake the correlation between the global and local
work hardening events.
In summary in situ nanoindentation experiment shows solid evid-
ence for significant work hardening in nc Ni based on sequential
loading-unloading cycles. During work hardening, the dislocation
density along the TB increases, and the yield strength increases
gradually by,40%. Frequent formation of L-C locks was identified
in grain interior and along twin boundaries. L-C locks are effective
barriers to dislocations and lead to work hardening. Several mechan-
isms of interaction between L-C locks and twin boundaries were
identified. These studies provide important insight to the under-
standing of plasticity in nc metals.
Methods
Experimental setup. In situ nanoindentation was conducted using an in situ
nanoindentation holder (manufactured by NanoFactory, Inc.). In situ TEM
analyses were conducted within an analytical electron microscope (JEOL2010) with
a point-to-point resolution of 0.23 nm. Images and movies during indentation
Figure 8 | Schematic diagrams illustrate the process of dislocation transmission across TB1 from the series of movie snap shots in Figure 7. a) Two full
dislocations, A0 and B, on different sets of {111} planes form an L-C lock at the twin boundary. b) Dislocation A0 dissociates into two partial dislocations,
A1 andA2.Meanwhile, c) dislocation B penetrates through the twin boundary and glides on the (100) plane in T1 as the dislocation B9 as released from the
back stress at the L-C lock. d) Dislocation B completely penetrates through the twin boundary. Then, dislocation A1 and A2 also pass through the twin
boundary.
www.nature.com/scientificreports
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events were captured using a built-in high resolution CCD camera in the
microscope. While the indentation under the TEM column, the sample was
controlled in three dimensions by a piezoelectric actuator. To avoid the slip between
tip and sample surface, wedge diamond tip (tip angle ,50.5u) for standard load-
displacement measurements is used. In situ movies and images were taken during
the loading and unloading processes using the experimental setup described in
Supplementary Figure S2 from supplementary information. During in situ
indentation experiment, the nanoindentation tip was fixed while the sample was
moved toward the tip by a piezoelectric stage in a precision movement as fine as
0.1 nm/step. To examine more precise motion of dislocations during work
hardening, a maximum depth of 50 nm was used with step length of 0.1 nm/step
and holding time of 10 ms. Each loading-unloading cycle spans across 100 seconds,
e.g., the loading process occurred at a constant displacement rate continues up to
50 sec, followed by an unloading process at the same rate of 1 nm/sec (the
estimated strain rate is 3.631022 s21 for the first cycle, 4.131022 s21 for the second
cycle and 4.531022 s21 for the third cycle). While the force was measured along
displacement and time, the estimated measurement error was 6 5%.
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